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The toughening behavior of short glass fiber reinforced toughened polymers was studied
using fracture mechanics and microscopic techniques. The essential work of fracture (EWF)
analysis shows that the inclusion of short glass fibers not only provided a stiffening effect
but also a toughening influence. It was observed that rubber-related toughening and
fiber-related toughening were competitive in nature for the reinforced, toughened nylon
6,6. When the matrix stress was substantially reduced by the presence of short fibers via
the load-shedding mechanism, rubber toughening was severely curtailed. At higher fiber
volume fractions, fiber pull-out work contributed significantly to the enhancement of the
specific essential fracture work. Fiber-end plasticity was evident under microscopic
examination. C© 2002 Kluwer Academic Publishers

1. Introduction
Toughening of engineering polymers using second elas-
tomeric phase has found wide-ranging applications in
the automotive and packaging industries. The attempt
to elucidate the toughening mechanisms has also ac-
complished considerable success [1–3]. In recent years,
there has been an increased interest in introducing high
modulus glass fibers [4–9] and glass beads [10–12]
into toughened matrices. One clear advantage of such
a design scheme is the cost-effective fabrication; and
the primary motivation is to reinforce the toughened
matrix, which often suffers from reduction in tensile
strength and modulus caused by the compliant rubber
particles. The ideal scenario appears to be one that can
accomplish concomitantly toughening as derived from
the matrix and strengthening as derived from the rein-
forcement. This scenario often does not hold because
of the complexity in interaction between the impact
modifiers and the reinforcement. Some success in ob-
taining high strength and high toughness blends with
glass fiber reinforcements was, nevertheless, reported
[7, 8, 13]. The toughness in this case was defined as the
work dissipated per unit area of crack growth.

The theories of rubber toughening were well stud-
ied and reviewed by Bucknall in Chapter 22 of Ref.
[3]. It arises when matrix plasticity was promoted by
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internal cavitation of rubber particles or by adhesive
failure at the particle-matrix boundary. It is noteworthy
that for rubber particles that do not serve the purpose
of enhancing matrix deformation, which absorbs the
predominant amount of energy, there is no reason for
rubber toughening. In such cases, the compliant rubber
particles only serve to weaken the matrix material and
lead to lower toughness.

Recent attention has been given to characterizing
mechanical and fracture properties of fiber-reinforced
toughened polymers using fracture mechanics [4–9,
14, 15]. However, toughening mechanisms of fiber-
reinforced toughened plastics are not very well un-
derstood particularly with regard to the independent
roles of second phases and their interactions [3, 13, 16].
One would conjecture that the mechanisms of frac-
ture in connection with fiber-reinforced single poly-
mers [14] could be applied to reinforced, toughened
polymers. This approach ignores the distinctive role
of the second-phase rubber particles and assumes the
rubber-toughened matrix to possess certain effective
properties in the presence of glass fibers. The actual
fracture events as to whether there is a need for both
fibers and rubbery phase to be present for toughening re-
main unclear. It is understood that the presence of fibers
reduces the stress borne by the matrix material, being
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controlled by their relative stiffness and fiber volume
fraction. The interesting question is whether toughen-
ing can still be effected with elastomeric inclusions un-
der such circumstances. There appears to be a transi-
tion from matrix-dominant mechanisms to fiber-related
mechanisms such as fiber debonding, fiber bridging and
fiber pullout when the matrix-borne stress is severely
curtailed. However, the fibers could also induce matrix
plasticity due to fiber-end debonding. In this paper, we
study the microstructure and identify the role of fibers
on toughened nylon 6,6. Techniques using optical and
electron microscopy were employed to study the mor-
phology and crack-tip deformation mechanisms.

2. Experimental work
2.1. Materials
The polymer used in this work was rubber-toughened
nylon 6,6 (Zytel ST801), which contained 20 vol%
EPDM rubber [3], from DuPont (Singapore) Pte. Ltd.
The glass fibers were chopped E-glass fibers with
a mean diameter of 17 µm and a length of 12 mm.
Materials were compounded simultaneously at weight
ratios of 0, 10, 20, 30 and 40 wt% of short glass fibers
in the toughened nylon 6,6 matrix. All materials were
dry blended and compounded using a co-rotating,
intermeshing twin-screw extruder (Leistritz Micro18;
screw diameter = 18 mm; L/D = 30) at a temperature
ranging from 280 to 300◦C. The pelletized extrudates
were injection molded at around 280◦C at relatively
high injection speed and injection pressure to form
3.5 mm thick dog-bone specimens (ASTM D638M).
Pellets were dried at 80◦C for at least 48 h in a vacuum
oven prior to compounding and injection molding.
Table I shows the equivalent fiber volume fraction
taking into account the densities of components for
each of the blend compositions. Table II details all
the mechanical properties measured after processing.
For convenience of discussion, we refer to the weight
fraction of the fiber content throughout this paper
unless otherwise specified.

2.2. Characterization of microstructures
The injection-molded specimen was cut and embedded
in epoxy resin with the viewed surface parallel to the
mold filling direction (MFD). This epoxy block was
ground and polished to the middle section through the
thickness. Photomicrographs were taken using a reflec-
tive light microscope (ROM) to show the fiber orien-

T ABL E I Conversion of fiber volume fraction from weight fraction
of short glass fiber reinforced toughened nylon 6,6

Fiber weight fraction (wt%) 0 10 20 30 40
Fiber volume fraction (vol%) 0 4.43 9.41 15.18 21.80

T ABL E I I Mechanical properties of short glass fiber reinforced
toughened nylon 6,6

Fiber content (wt%) 0 10 20 30 40
Tensile strength (MPa) 42.71 41.08 53.88 75.16 90.23
Tensile modulus (GPa) 1.83 2.24 3.48 5.46 7.74
Average fiber aspect ratio NA ∼13 ∼13 ∼13 ∼13

tation and fiber distribution. The fiber orientation in
comparison to the MFD was analyzed on the photomi-
crograph using an image analysis software (Image-Pro
Plus, Media Cybernetics, L.P.).

To measure the fiber lengths after processing, glass
fibers were separated by burning off the polymer ma-
trix of a representative sample of the injection-molded
bar and then dispersed on a glass slide for observation
under a light microscope. Fiber length distribution was
analyzed on the optical micrograph.

Representative injection molded specimens were em-
bedded in epoxy and finely polished followed by stain-
ing with vapor from 1% OsO4 aqueous solution for
24 h. The back-scattered electron images (BEI) were
then obtained under the scanning electron microscope
(SEM) to characterize the EPDM rubbery phase in an
injection-molded bar.

2.3. Assessment of fracture toughness
Fracture toughness of the fiber-containing composites
was assessed using the essential work of fracture (EWF)
approach. Single-edge-notch-bend (SENB) specimens
were used for EWF tests. The specimen dimensions
were 3.5 × 10 × 60 (mm) and ligaments of different
lengths were prepared by a V-notching machine, fol-
lowed by inserting a fresh razor blade into the notch
to make a sharp crack. The final crack-to-width ratios,
a/W , were controlled within the range of 0.15–0.80.
Three-point bending tests were carried out in an Instron
5569 testing machine with a span of 40 mm and a cross-
head speed of 5 mm/min at room temperature.

2.4. Characterization of toughening
behavior

Sub-fracture surface and the crack-tip deformation
zone were studied using both SEM and optical mi-
croscopy. A sub-critical crack was created using a
single-edge-double-notch 4-point-bend (SEDN-4-PB)
technique [17]. The damage zone ahead of the sur-
vived crack-tip was then studied by petrographic thin-
sectioning technique under ROM and transmitted opti-
cal microscopy (TOM) [17–19].

3. Results and discussions
3.1. Microstructures
The microstructures of fiber-reinforced toughened
polymers are complex because they consist of two
second-phase fillers in a polymer matrix. Components
form interface/interphase between fiber and polymer,
polymer and second-phase rubber, and between fiber
and second-phase rubber. To reveal the microstructures
and fiber distributions for fiber-reinforced toughened
polymers, we polished the specimen cross-sections
with different fiber volume fractions for SEM exam-
ination to be followed by image analysis. Fig. 1 il-
lustrates the fiber distributions and orientations for 10,
20, 30 and 40 wt% fiber reinforced hybrid composites
(see Table I for conversion of weight fraction to fiber
volume fraction). In the 10 wt% case, Fig. 1a, fiber
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Figure 1 SEM photomicrograph of a polished middle section of rubber toughened nylon 6,6 reinforced with (a) 10 wt%, (b) 20 wt%, (c) 30 wt% and
(d) 40 wt% short glass fibers. MFD denotes the mold filling direction and M is the mid layer.

distribution appears sparse but the density of fiber dis-
tribution gradually increases as fiber weight fraction
increases. A relatively thin skin layer is present in all
compositions. Scanning from the surface layer across
the in-plane width of a dog-bone specimen it is noted
that there is a distinctive skin-core layering morphology
as is common in injection molded fiber-reinforced ther-
moplastics. A thin skin layer shows fibers transverse to
the mold filling direction (MFD) whereas fibers near
the core are lying on the plane parallel to the MFD. The
core region also shows more random alignments on the
plane. As fiber concentration increases more fibers are
distributed in the core layer wherein increasing align-
ment of the fibers parallel to the mold filling direc-
tion can be observed. The microstructural results are
consistent with Friedrich’s model [14] whereby fiber
orientation increases as a function of fiber volume frac-
tion in injection molded reinforced plastics. It is noted
that a middle layer (M) with fibers aligned transverse
to the MFD can be seen in 20 and 30 wt% composi-
tions (Fig. 1b and c) whereas the M layer disappears in
40 wt% composition (Fig. 1d).

Fiber orientation is studied using image analysis soft-
ware and is shown in Fig. 2. The measurement of counts
made on in-plane fiber alignment is plotted against the
angle between fiber and MFD, excluding the ones ly-
ing out of plane. A general trend of counts decreasing
with an increase of angle between the fiber alignment
and MFD exists in all concentrations. Fig. 3 plots the
fiber length distribution as measured in the burnt-off in-

jection molded specimens. According to Karger-Kocsis
and Friedrich [15], the average fiber length slightly de-
creases with an increase in fiber volume fraction. Based
on the results given in Fig. 3 the fiber length distribution
appears consistent for all compositions. Repeated mea-
surements for all the compositions show that there is no
correlation between average fiber length with fiber con-
tent. These results are consistent with those reported by
Paul and collaborators [7]. The average fiber lengths in
the materials studied fall in between 220–260 µm for
all compositions. A simple estimation of the critical
fiber transfer length based on the Kelly-Tyson model
[20] is given by:

lc = dσ f

2τ
(1)

where σ f is fiber strength (=1.5 GPa), τ is inter-
facial shear strength and is taken to be σm

2 = 42.71 MPa
2 =

21.35 MPa and d is fiber diameter (=17 µm). As a re-
sult, lc = 0.597 mm. This value is greater than the aver-
age fiber lengths after processing. Clearly, stress trans-
fer from the matrix to the fiber is not optimized in this
case and the fibers will be pulled out rather than broken.
For weaker interface bond strength, the critical length
would only be longer using Equation 1 since τ would be
lower. In the discussion that follows, we will show how
fibers reduce the fraction of the composite load borne
by the matrix and, in so doing, toughening arising from
the second-phase rubber particles is curtailed.
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(a) (b)

(c) (d)

Figure 2 Counts made on in-plane cross-section versus the angle between fiber and MFD on a polished middle section of toughened nylon 6,6
reinforced with (a) 10 wt%, (b) 20 wt%, (c) 30 wt% and (d) 40 wt% short glass fibers.

3.2. Toughening mechanisms
Fig. 4 plots the specific essential work (we) and the
slope (βwp) as interpreted in Chapter 20 of Ref. [3],
which is indicative of the non-essential plastic work
versus the fiber weight fraction. The plot gives very use-
ful information as to how the toughening mechanisms
transform from one that is governed by matrix defor-
mation to that governed by fiber-related mechanisms.
For the un-reinforced toughened matrix, the specific
essential work is comparatively low with a very high
value of the specific non-essential plastic work. This
suggests the major deformation occurs in the nylon ma-
trix with profuse shear yielding outside the fracture pro-
cess zone (FPZ). Note that the plastic work outside the
FPZ is dependent on specimen geometry and loading
configuration [21, 22]. Upon introduction of 10 wt%
short glass fibers, there is a pronounced increase in we.
However, the drop in the slope of non-essential plas-
tic work is more drastic. Since the glass fibers possess
a much higher stiffness than the polymer matrix, they
will take on a larger proportion of the applied compos-
ite stress. Effectively, this means that the matrix load-
ing was shed onto the fibers. Consequently, the overall

plastic matrix deformation away from the FPZ is cur-
tailed. The effect of load shedding from the matrix onto
the fibers can be demonstrated by recognizing that in
a short fiber composite, the average matrix stress σ ms

can be estimated by

σms = σc − σ̄ f v f

(1 − v f )
(2)

where σ c is the composite stress and σ̄ f is the average
fiber stress and v f is the fiber volume fraction. In this
system, the fiber lengths are less than the critical load
transfer length, lc, as given by Equation 1. Therefore,

σ̄ f = τ l

d
= σm × s

2
(3)

where s is the fiber aspect ratio. Accordingly, the ratio
of σ ms , the matrix stress with fibers to the composite
stress (≈σ c) is

σms

σc
=

σc − σms
v f

2
σc(1 − v f )

(4)
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(a)

(b)

(c)

(d)

Figure 3 Glass fiber length distributions measured on the fibers
extracted from the injection molded bars of (a) 10 wt%, (b) 20 wt%,
(c) 30 wt% and (d) 40 wt% short glass fiber reinforced toughened
nylon 6,6.

Figure 4 Specific essential and non-essential work of fracture versus
fiber weight content.

Substituting the values given in Table II, we could cal-
culate using Equation 4 σms

σc
≈ 0.73, 0.57, 0.52, 0.42

for 10, 20, 30 and 40 wt% fiber reinforced toughened
nylon 6,6, respectively. In Equation 2 we have assumed
that the fibers are perfectly aligned parallel to the MFD
and the applied stress acts on a cross-section contain-
ing fibers and matrix as in a uniformly loaded tensile
specimen. Hence the fiber orientation effect and the
non-uniform crack-tip stress field have been ignored. If
we assume the short fibers are 2-D randomly aligned,
then the effective length, l̄, for reinforcement is given
by

l̄ = N
∫ π/2

0 l cos θ dθ

N (π/2)
= 0.637l, (5)

where N is the total number of fiber and θ is the pro-
jected angle of fibers from the plane parallel to the
MFD, respectively. As a result, Equation 4 can now
be modified as follows:

σms

σc
=

σc − ησms
v f

2
σc(1 − v f )

, (6)

where the fiber orientation efficiency factor, η = 0.637.
From Equation 4 even though the fiber length is

smaller than the critical transfer length, the matrix stress
could be substantially reduced by as much as 27–58%.
Thus, the role of stress shedding in reducing the matrix
deformation appears very plausible and may play a key
role in the mechanics of fracture in composites con-
taining second phases distributed among the fiber rein-
forced hybrid materials. Plots of Equations (4) and (6)
versus fiber weight fraction are given in Fig. 5. Similar
trends are shown as those data obtained for the specific
non-essential plastic work in Fig. 4. There appears to be
an interesting correlation between the reduction in non-
essential plastic work and the reduction in matrix-borne
stress. Equation 6, which takes into account the effect of
2-D random orientation, shows a greater resemblance

Figure 5 The ratio of the matrix stress to composite stress, σms/σc ,
versus fiber weight content. Equation 4 is derived from the assumptions
of uniform alignment and uniformly applied load. Equation 6 is derived
from the assumption of 2-D random orientation.
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Figure 6 Optical photographs showing the plastic deformation zone beneath the fracture surface. The white arrows on the photographs indicate the
onset of crack propagation. (a) un-reinforced toughened nylon 6,6; (b) 10 wt%; (c) 20 wt%; (d) 30 wt%; (e) 40 wt% fiber reinforced toughened nylon 6,6.

of the trend in Fig. 4, particularly towards high fiber
content. The reduction in specific non-essential work
levels off at higher fiber content. The reduction in ma-
trix stress critically influences the sequence of events
upon fracture and decreases the non-essential plastic
work during crack growth. We believe this result is in-
teresting and warrants further study on the correlation
observed.

One important factor we have ignored is interface
bonding. It is believed the inter-facial bonding be-
tween the fibers and the matrix containing rubber par-
ticles [16] plays an important role in promoting matrix
plasticity both in the FPZ and the surrounding plas-
tic/damage zone. Without going through a rigorous
crack-tip stress-strain field analysis covering these two
zones, we can, for the present purpose, resort to a sim-
ple qualitative explanation. A weak interface in a short
fiber composite material generally lowers the reinforc-
ing effectiveness of the fibers. A strong interface will be
able to impart strength and stiffness to the composite by
shedding the load from the matrix to the fibers and the
σms/σc ratio is reduced. When fiber-matrix debonding
occurs, which usually happens at the ends of a single
fiber where the shear stresses are highest, it can activate
local matrix plastic deformation. This effect causes a
whitened zone near the crack-tip region. If fiber-matrix
debonding does not occur and the triaxial stress (at any
point inside these two zones) borne by the matrix is
sufficient to activate rubber cavitation, then toughening
(in the FPZ) and plastic deformation (outside the FPZ)
will occur by matrix shearing between the fibers. We
note that inside the crack-tip FPZ, we can have either
matrix-dominant or fiber-dominant fracture depending
on the fiber volume fraction.

The specific essential fracture work is the total work
per unit area of crack growth that is dissipated in the
FPZ and required to debond and pull out the fiber as well

as to deform and tear the matrix ligament. When the
matrix-borne stress is low, such as in high fiber volume
systems, the FPZ is dominated by fiber-related mecha-
nisms, namely, fiber debonding, bridging, and pullout.
The longer the fiber lengths the greater the fiber pull-out
work. Outside the FPZ the size of the plastic/damage
zone is, however, small due to the low matrix stress
there. For low fiber volume systems (<10%), the dom-
inant failure mechanisms will be rubber cavitation and
matrix plastic shear deformation. There will also be
some contributions due to fiber-related mechanisms.
Fig. 6 compares the damage zones caused by different
fiber concentrations. Fig. 6a shows extensive plastic de-
formation as characteristic of single-edge-notch-bend
toughened polymers under quasi-static conditions. In-
troduction of short glass fibers sheds considerably the
composite stress to the fibers hence curtailing the ma-
trix plastic deformation as shown in Fig. 6b. However,
the stress-whitened zone is still significant at 10 wt%
fibers. This is because, prior to fiber-matrix debonding,
there is still sufficient matrix triaxial stress to cavitate
the embedded rubber particles and hence matrix plastic
deformation is enhanced. An increase in fiber content
generates tortuous fracture paths that are indicative of
pervasive crack deflections at fiber-matrix interface and
near fiber-ends. The stress-whitened zone is also dras-
tically diminished (Fig. 6c, d and e) due to the load
shedding mechanism as discussed earlier.

Examination of sub-critically loaded cracks also con-
firms the above results. Figs. 7 and 8 present pho-
tomicrographs of the sub-critical crack-tip deformation
obtained from ROM and TOM, respectively. Clearly,
the un-reinforced matrix produces profuse ligament
yielding with a large whitened zone whereas the fiber-
containing matrices show crack deflection with reduced
matrix plastic deformation outside the FPZ. At 10 wt%
considerable damage/plastic deformation is still being
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Figure 7 ROM micrographs of sub-critically loaded cracks in SEDN-4PB technique for (a) un-reinforced toughened nylon 6,6, (b) 10 wt%,
(c) 20 wt%, (d) 30 wt% and (e) 40 wt% fiber reinforced toughened nylon 6,6.

observed near the crack-tip. With higher fiber content
(20, 30 and 40 wt%), a larger proportion of the ap-
plied stress will be shed onto the fibers, which results
in extensive fiber-related toughening with little ma-
trix plastic deformation. The tortuous crack paths are
consistent with what we observed in Fig. 6c–e. These
twisted crack paths are derived from the extensive fiber-
end and fiber-matrix debonding.

Fig. 9 compares the un-deformed and fracture sub-
surfaces of fiber-containing toughened nylon 6,6 under
BEI in SEM. The rubbery phase is stained with OsO4,
which gives a much stronger imaging of back-scattered
electrons. The rubbery phase appears bright whereas
the nylon phase appears dark in these micrographs.
Close examination of the fiber-end region shows exten-
sive distortion of rubber particles. The distorted rubbery

phase is indicative of severe shear deformation at the
fiber ends. Shiao et al. [23] modeled the contribution
of fiber-end plasticity to increasing fracture toughness
for brittle composites using the critical distance, Lc,
concept as follows:

Kc =
(

ε∗
f σc Ec Lc

C1C2

)1/2

(7)

where Kc is the critical stress intensity factor of the
composite, ε∗

f is the critical strain as obtained from the
fracture strain of the composite [23], Ec is the com-
posite modulus, C1 and C2 are constants. It was sug-
gested that fiber-end debonding could generate stress
concentrations embrittling the matrix material. It could
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Figure 8 TOM micrographs of thin sections for (a) 10 wt%, (b) 20
wt%, (c) 30 wt% and (d) 40 wt% fiber reinforced toughened nylon 6,6.
Note that fiber distribution density increases near the crack front from
(a) to (d).

Figure 9 SEM/BEI photomicrographs of 20 wt% short glass fiber re-
inforced toughened nylon 6,6 for (a) a non-deformed specimen and
(b) a fractured subsurface. The dark phase is nylon and the light phase
is EPDM rubber.

also enhance matrix toughness when a critical fiber-
end distance is reached. This critical distance was to
allow stress field overlapping between fiber ends [23]
and thereby matrix plasticity is enhanced. In the results
we presented, we observed highly localized plastic de-
formation in front of an advancing crack. Obviously,
fiber debonding and pullout occurred well in advance
of matrix material remote from the crack-tip being able
to deform profusely. It would be necessary to establish
the criterion of fiber-end debonding prior to taking full
advantage of fiber-end plasticity for toughening.

The optimal conditions for both fiber- and rubber-
toughening to be cooperative are not very clear. It ap-
pears from Fig. 4, however, that the largest we is ob-
tained at 10 wt% fiber content. This point was never
discussed and simulated in most short fiber composite
studies to our best knowledge. Too high a fiber content
will suppress the matrix toughening and will only retain
those fiber-related toughness contributions. Vice versa,
too low a fiber content will be dominated by matrix
toughening as activated by rubber cavitation. Also, the
fiber-matrix adhesion will control the debonding mech-
anism and fiber-end induced plasticity. Further studies
should focus on the effect of interfacial adhesion on
fiber toughening. In addition, it is necessary to perform
a full field stress analysis of the crack-tip region in-
cluding both the FPZ and the surrounding plastic zone
(in the presence of both fiber inclusions and rubber

2666



particulates) in order to determine the stresses borne
by the matrix material and the fiber. Analytical treat-
ments of toughness taking only the effective properties
of the rubber-toughened matrix in which the short fibers
are dispersed, as if this were a pseudo two-phase ma-
terial, will be deficient because they ignore the matrix
toughness contribution activated by rubber cavitation.

4. Conclusions
The fracture toughness of short glass fiber reinforced
toughened nylon 6,6 was assessed using the EWF tech-
nique and the microstructures and toughening behavior
were characterized using both electron and optical mi-
croscopic techniques. According to the EWF analysis
and the microscopic observations, the following con-
clusions were made.

1. The inclusions of short glass fibers in the rubber-
toughened polymers not only provided a stiffening ef-
fect but also a toughening influence.

2. Rubber toughening and fiber toughening exhibited
competitive behavior. When matrix stress was substan-
tially reduced by load-shedding onto the fibers, rubber
toughening mechanisms were curtailed.

3. Fiber-related fracture processes governed in high
fiber volume fractions. The fiber pullout work con-
tributed considerably to the specific essential work of
fracture.

4. Fiber-end plasticity was evident under micro-
scopic examination. It was necessary to establish the
critical debonding criterion before being able to take
full advantage of fiber-end plasticity.
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